»

research papers

g JOURNAL OF
= APPLIED
2 CRYSTALLOGRAPHY

ISSN 1600-5767

Received 13 January 2019
Accepted 2 April 2019

Edited by K. Chapman, Stony Brook University,
USA

# Present address: Condensed Matter Physics
and Materials Science Department, Brookhaven
National Laboratory, Upton, NY 11973, USA.

Keywords: core—shell nanoparticles;
heteronanostructures; in situ diffraction;
microstructure.

Supporting information: this article has
supporting information at journals.iucr.org/j

© 2019 International Union of Crystallography

Thermally induced transformations of Au@Cu,O
core—shell nanoparticles into Au—Cu nanoparticles
from temperature-programmed in situ powder
X-ray diffraction

Robert Koch,**$ Guangfang Li,” Shubham Pandey,® Simon Phillpot,© Hui Wang”
and Scott T. Misture?

?Kazuo Inamori School of Engineering, Alfred University, 2 Pine Street, Alfred, NY 11973, USA, bDepartment of
Chemistry and Biochemistry, University of South Carolina, Columbia, SC 29208, USA, “Department of Materials Science
and Engineering, University of Florida, Gainseville, FL 32611, USA, and dKazuo Inamori School of Engineering, Alfred
University, Alfred, NY 14802, USA. *Correspondence e-mail: kochr@alfred.edu

Temperature-programmed in situ X-ray diffraction with whole-powder-pattern
modeling is used to investigate the reaction of Au@Cu,O core—shell
nanoparticles to form nanocrystalline bimetallic Cu,Au;_, alloys (x = 0, 0.25,
0.5,0.75,1.0) in a reducing atmosphere. The mechanisms of the reactions are key
to informed design of tailored non-equilibrium nanostructures for catalytic and
plasmonic materials. The Au@Cu,O reaction is initiated by reduction of the
Cu,O0 cuprite shell to form nanocrystalline metallic Cu at about 413 K. Alloying
begins immediately upon formation of metallic Cu at 413 K, with the nucleation
of an Au-rich alloy phase which reaches the nominal Cu content of the overall
system stoichiometry by 493 K. All bimetallic alloys form a transient ordered
Cu;Au intermetallic compound at intermediate temperatures, with the onset of
ordering and subsequent disordering varying by composition. No evidence for
an ordered Au;Cu intermetallic is found for any composition. Significant crystal
growth in the bimetallic phase is apparent at higher temperatures, with the onset
temperature increasing with Cu concentration and initial Cu-shell thickness. The
reduction of the cuprite phase is slowed by the presence of the core—shell
interface, and crystal growth in the Cu shell is completely suppressed within the
alloy systems.

1. Introduction

Multimetallic nanoparticles (NPs) may selectively adopt a
diverse set of configurations, such as phase-segregated
heteronanostructures, homogenous alloys and atomically
ordered intermetallic phases, depending on the nature of the
constituent metals and the conditions under which they are
synthesized (Cortie & McDonagh, 2011; Yan et al, 2017
Gilroy et al, 2016). These multimetallic NPs may further
undergo intriguing post-synthetic structural rearrangements
triggered by electrical (Tian er al, 2007; Li et al, 2014),
chemical (Tao et al., 2008; Chen et al., 2014) or thermal stimuli
(Wang et al., 2013; Ding et al., 2010) to controllably evolve into
either kinetically trapped or thermodynamically favored
structures under deliberately controlled conditions. Thermally
induced structural remodeling of multimetallic NPs, in parti-
cular, has been of tremendous interest to the heterogeneous
catalysis community, because the atomistic reconfigurations
of multimetallic nanocatalysts under operating conditions,
typically at elevated temperatures, may profoundly influence
the performance of the catalysts, causing remarkable
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enhancement or deterioration of catalytic activity and selec-
tivity over time. The emergence of advanced in situ structural
characterization techniques, such as liquid-phase in situ
transmission electron microscopy (TEM) (Park et al., 2015;
Yuk et al., 2012; Zheng et al., 2009; Ye et al, 2016), near-
ambient-pressure X-ray photoelectron spectroscopy (Tao et
al., 2008; Divins et al., 2014) and in situ X-ray diffraction (Sun
et al.,2017), makes it possible to precisely monitor detailed 3D
transformations of NPs in real time along complex structure-
evolutionary pathways without the need to kinetically trap
and isolate the transient intermediates from their local reac-
tion environments. The mechanistic insights gained from
detailed in situ structural characterization provide the
keystone for us to fully elucidate the key thermodynamic and
kinetic factors underpinning the structure-transforming
behaviors of complex nanostructures.

This work exemplifies how temperature-programmed
powder X-ray diffraction (TP-PXRD) is used as an in situ
structural characterization tool to fully resolve the detailed
structure-transforming mechanisms of complex NPs accom-
modating multiple components. In particular, we use in situ
TP-PXRD to track the structural evolution of Au@Cu,O
core-shell NPs into Au—Cu binary alloy NPs upon thermal
annealing in a reductive H,/N, atmosphere. Both Au@Cu,O
core-shell NPs and Au-Cu alloy NPs are structurally and
compositionally tunable nanostructures exhibiting intriguing
optical and catalytic properties. Owing to the unique inter-
actions between the plasmonic core and the semiconducting
shell, Au@Cu,O core-shell NPs exhibit fine-tunable optical
properties spanning the entire visible and near-infrared
spectral regions (Zhang et al., 2011, 2012; Liu et al., 2012),
which are exploitable for plasmon-enhanced spectroscopy and
heterogeneous photocatalysis (Lu et al., 2016; Jiang et al., 2014;
Li et al., 2013). Au—Cu alloy NPs have been identified as high-
performance catalysts for a series of important chemical
reactions, such as CO oxidation (Bracey et al., 2009; Zhan et
al., 2017), electrochemical reduction of CO, (Kim et al., 2017,
2014) and seed-catalyzed growth of semiconductor nanowires
(Connell et al., 2010). The compositions (Au/Cu stoichiometric
ratios), atomic configurations (disordered alloy versus inter-
metallic) and surface architectures (terraces versus atomic
steps/kinks) of Au—Cu bimetallic NPs can all be systematically
tuned through colloidal syntheses to achieve the optimal
catalytic performance (Zhan et al., 2017; Kim et al., 2017, 2014;
Connell et al., 2010). Au—Cu alloy NPs with Cu content above
the parting limit (70 at.% of Cu) may further undergo
percolation dealloying processes to evolve into 3D bicontin-
uous spongy NPs composed of Au-rich nanoligaments with
large mass-specific surface areas and high abundance of
catalytically active surface sites (Li, Villarreal et al., 2016; Li,
Lin & Wang, 2016). Detailed mechanistic understanding of the
structural transformations, at both the atomic and nanoparti-
culate levels, provides key design principles that guide us to
selectively stabilize a series of tailored nanostructures of
interest, including those metastable intermediates kinetically
trapped along the structure-transforming pathways, under
deliberately designed non-equilibrium conditions.

The structural transformation of Au@Cu,O core-shell NPs
upon thermal annealing was first observed by Lauhon and co-
workers using in sifu scanning transmission electron micro-
scopy (Connell et al., 2010). A threshold temperature of
around 673 K was observed, at which rapid transition of the
parent core-shell NPs into Au-Cu alloy NPs occurred,
consistent with the bulk phase relationships (Au and Cu form
a homogeneous solid solution at temperatures above 683 K)
(Okamoto et al., 2006). More recent in situ TEM studies
revealed that phase separation occurred prior to alloying
when Au@Cu,O core-shell NPs were heated in vacuum (Li et
al., 2017), indicating that the heterostructure-to-alloy trans-
formation involved multiple steps and was thus substantially
more complicated than a simple intraparticle alloying process.
While in situ TEM allows one to directly observe the
morphological evolution of individual NPs in real time, in situ
TP-PXRD provides more detailed structural information, at
the ensemble level, about multiple evolving crystalline
domains in complex NPs. This information enables us to
identify a series of intermediate structures formed during the
multistep NP transformations, including alloy and inter-
metallic phases with various Au/Cu stoichiometries that are
not easily identifiable by electron microscopy imaging.

2. Materials and methods
2.1. Materials

Au@Cu,0 core-shell nanostructures were prepared as
reported previously by Zhang et al. (2011). Five Cu,Au,_,
alloy compositions were studied in this work (x = 0, 0.25, 0.5,
0.75, 1.0), prepared by holding constant the Au-core size and
varying the thickness of the cuprite shell. The composition end
members (x = 0 and 1.0) represent the monometallic Au-core
system and a nanocrystalline cuprite system with no Au,
respectively. The chemical composition was confirmed by
energy-dispersive spectroscopy (Fig. S7).

2.2. Diffraction methods

Non-ambient X-ray diffraction was carried out using a
Bruker D8 Advance diffractometer equipped with a
VANTEC-1 position-sensitive detector and an Anton Paar
HTK 1200N furnace using Cu Ko radiation in a parallel optics
configuration with a Gobel mirror in the primary beam. NP
samples were drop-dried from an ethanol suspension onto a
sapphire zero background holder and measured without
further treatment. X-ray diffraction data were collected under
a controlled reducing atmosphere of 4% H, with a balance of
N,; gas flows were controlled at 40 ml min~' using an Omega
FMAS5400/5500 mass flow controller. The gas was supplied
from commercially obtained mixtures. Isothermal diffraction
measurements were made at 303 K and then every 20 K in the
373-733 K range. A heating rate of 30 K min~' was used
between diffraction measurements. Measurements were made
over the 20 range 20-90° using a step size of 0.01882° 26 with a
count time of 1 s, resulting in a measurement time per XRD
pattern of approximately one hour.

580

Robert Koch et al.

+ Thermally induced transformations of core—shell nanoparticles

J. Appl. Cryst. (2019). 52, 579-586



research papers

Powder diffraction fitting was performed using the software
PM2K v3 (Leoni et al., 2006) which implements the whole-
powder-pattern modeling (WPPM) approach to model
diffraction-line-profile broadening (Scardi & Leoni, 2002).
The WPPM approach allows for a one-step refinement of
microstructure parameters by a direct modeling of the
experimental pattern without using analytical profile func-
tions, where line-profile shapes are based on physical models
of material microstructure. It has proven useful for quanti-
fying details of structure and microstructure in a number of
cases (Andersen & Christensen, 2015; Tseng et al., 2015).
Diffraction data from each single composition were fitted
sequentially across the entire range of temperatures
measured. Crystallite morphologies were in all cases assumed
to be equiaxial, with isotropic microstrain broadening. Line
broadening in the metallic phases was modeled by including a
twin-fault contribution for reasons described below. Fits of
PXRD data from subsequent temperatures were initialized
with the parameters for the preceding temperature. Phases
were then added or removed if the fit was sufficiently
improved by doing so and the fitted parameters of the phase
converged to reasonable values.

Twin faults in face-centered-cubic (f.c.c.) metals disturb the
periodicity within individual crystals and thus manifest within
diffraction data as anisotropic line-profile broadening. It has
been shown that f.c.c. faulting impacts line-profile breadth
only when &4 + k + [ =3n £ 1, and not when & + k + [ = 3n,
where 7 is an integer (Warren, 1990). This implies that a given
{hkl} family can be divided into subcomponents that are
affected or unaffected by faulting, leading to unexpected
diffraction profiles made up of both broadened and sharp
subcomponents. Only two of the eight peaks in each of the
{111}/{222} families are affected by faulting, so the shape and
width of this peak pair is only marginally impacted by the
presence of planar defects. Conversely, the {002}/{004} families
are composed entirely of peaks affected by faulting, and as
such they should be heavily impacted by the presence of
planar defects. Thus, the diffraction signature of faulting can
be distinguished from typical microstrain-size line broadening
when broadening trends are considered, for example an
increase in the broadening of the 222 profile with respect to
other diffraction lines (Holloway, 1969; Warren, 1990). As the
analysis relies upon trends in line-profile width, reliably
extracting faulting concentrations using WPPM then relies on
there being a reasonable number of diffraction lines available.
For this reason, broadening contributions due to faulting were
only included in metallic phases where more than four
diffraction peaks per phase were evident in the diffraction
data. For the bimetallic compositions, the transient inter-
mediate phases are disordered on the nanoscale, producing
only weak and broad XRD peaks, and hence we modeled the
peak broadening without the twin-fault quantification. Con-
sequently, only the final alloy at relatively high temperatures
as well as the initial Au phase from ambient conditions up to
intermediate temperatures included twin-fault broadening.

The instrumental contribution to the line-profile broad-
ening was modeled as a convolution with a pseudo-Voigt

profile with a full width at half-maximum, FWHM, and a
Lorentzian fraction, 1, varying across 20 according to the
equations FWHM = (W + V tan 6 + U tan?6)"* and n = a +
b8y, respectively (Caglioti et al., 1958; Scardi & Leoni, 2002),
where 6y, is half the diffraction angle expressed in degrees.
The values of U, V, W, a and b from these equations were
refined by fitting diffraction data collected under identical
conditions from NIST standard SRM 660c, LaBg. The fitting of
these diffraction data was done assuming that all observed line
broadening was due to instrumental effects, and holding the
LaBg lattice parameter and Cu Koy and Cu Ko, wavelengths
constant at NIST published values.

By using Vegard’s law (Vegard, 1921) corrected for the
thermal expansion of Au and Cu phases as extracted from the
monometallic samples discussed herein, we estimated the
fraction of Cu present in each alloy as a function of
temperature. Note that the Au-Cu system shows small
deviations from Vegard’s law of the order of 1% (Ravi & Paul,
2012), and as such the estimation is useful only for approxi-
mately tracking alloy compositions.

2.3. Computational methods

The Vienna ab initio simulation package (VASP; Kresse &
Furthmiiller, 1996) was used for calculations with the density
functional theory (DFT) (Hohenberg & Kohn, 1964) module.
The projector augmented wave (PAW) method (Kresse &
Joubert, 1999) with the GGA-PBE (Perdew et al, 1996)
exchange-correlation functionals was used for both Cu and
Au, with 17 valence electrons for Cu (3p®4s'3d'’) and 11
valence electrons for Au (5d'%s'). Cu and Au are both non-
magnetic, and hence non-spin-polarized functionals were
used. A plane-wave energy cut-off of 500 eV was used for all
the systems, to give energies converged to within
3meVatom '. A 5 x 5 x 5 Monkhorst-Pack-generated k-
point grid was used. Methfessel-Paxton smearing (first order)
with a width of 0.2 eV was used to treat the partial orbital
occupancies. For structural relaxations, a conjugate gradient
algorithm (Pulay, 1980) was used, where atomic positions and
the size and shape of the simulation were allowed to vary until
the maximum force on each atom was less than 2 meV A~
and the electronic convergence reached 107° eV.

3. Results and discussion
3.1. Reaction pathways upon heating

In situ TP-PXRD data for each of the three bimetallic
systems considered are shown in Fig. 1. Fitting of these data
led to a similar fit quality to the fits of the initial precursors
(Fig. S1) and allows for identification and characterization of
all intermediate and final phases. The reaction progresses in a
similar manner in all three systems. At low temperatures,
simultaneous reduction of Cu,O and nucleation of an alloy
phase occurs as Cu metal diffuses into the Au core. At inter-
mediate temperatures this alloy orders, and defects within the
Au core are annealed out. At higher temperatures, the alloy
transforms into a disordered phase. Crystal growth follows

J. Appl. Cryst. (2019). 52, 579-586

Robert Koch et al.

+ Thermally induced transformations of core—shell nanoparticles 581



research papers

immediately after the completion of the reaction, which is
marked by complete reaction of the reduced Cu shell and a
constant alloy composition with temperature.

For all three nanoparticle compositions, Cu metal begins to
form at 413 K, a result of reduction of the Cu,O shell. The
completion temperature of the reduction reaction increases
with increasing Cu content, being 433, 453 and 493 K for Au/
Cu atomic ratios of 3:1, 1:1 and 1:3, respectively. This increase
in temperature may be attributable to the kinetics of reducing
the thicker Cu,O shell associated with increasing Cu content.
Our diffraction measurements indicate that an Au-rich
bimetallic alloy nucleates simultaneously with the reduction of
Cu,0 to metallic Cu at 413 K, regardless of the Cu content of
the system. Alloying of Cu and Au at these temperatures has
been observed in previous studies; for example, Sra & Schaak
(2004) noted that when Au/Cu nanoparticle aggregates were
heated to 373 K for 2-12 h the lattice parameter of the
resulting phase was about 2% smaller than the reported value
for pure Au, supporting our observation that Cu dissolves in
the Au.

The Cu content of the alloy phase in our systems varies
rapidly up to ~493 K (Fig. 2), at which point it approaches the
nominal Cu content of the overall system. Above 493 K, a
second Au-rich intermediate alloy nucleates, and the Cu
content of this alloy (Fig. 2) increases until reaching the
nominal Cu content of the overall system, becoming indis-
tinguishable from the final alloy by 593 K. This reaction path
disagrees with the bulk equilibrium phase diagram (Okamoto
et al., 1987; Fedorov & Volkov, 2016), which indicates that
ordered intermetallics persist to temperatures as high as 683 K
(at Cu:Au of 1:1), above which a continuous Au/Cu solid
solution forms. We attribute the different phase assemblage

detected here to the diffusional kinetics of transport of Au
into Cu and Cu into Au at the core—shell interface. At low
temperature, the interfacial reaction yields an Au-rich alloy
that takes up Cu as the temperature increases; at higher
temperatures a second Au-rich alloy forms, probably closer to
the Au nanoparticle core. These two different compositions
coexist up to temperatures as high as 653 K. This suggests that
a higher temperature is required for the second Au-rich alloy
to reach the same final composition, that of the overall system,
when there is more Cu present, implying a diffusional kinetic
limitation for the reaction. The observation that an Au-rich
alloy is preferred at the initial stages of alloying, regardless of
the composition of the system, is consistent with our DFT-
driven convex hull calculations (Fig. 3), considering both bulk
alloys and alloys grown on Au substrates. These calculations
show that, while Cu7sAug,s and Cug ;AU 33 are stable bulk
alloys at T'=0 K, they are both unstable to phase separation to
Cu and CugsAuys when grown epitaxially on an Au substrate.
By contrast the Au-rich alloys remain stable when grown
epitaxially on an Au substrate.

All bimetallic samples considered here form ordered
intermetallic phases at intermediate temperatures, shown by
the gradual appearance of additional broad diffraction peaks
(Fig. 1). The ordering onset occurs at 513, 493 and 553 K for
Au/Cu atomic ratios of 3:1, 1:1 and 1:3, respectively.

The low-temperature topology of the Au-Cu phase
diagram, particularly the ordering onset temperature, is not
consistently described in the literature and is the subject of
continued study (Owen et al., 2017). Previous work suggests
that at least five ordered intermetallic phases exist (Okamoto
et al., 1987), although some authors have reported additional
phases with large supercells (Fedorov & Volkov, 2016). The
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small number of relatively weak additional diffraction peaks
distinguishing the ordered phases makes it difficult to unam-
biguously identify which of the ordered phases form for each
composition in this study. Le Bail type fitting of the two
lowest-angle diffraction peaks at temperatures of 553, 593 and
633 K for Au/Cu atomic ratios of 3:1, 1:1 and 1:3, respectively,
yields in each case diffraction angles of about 23.7 and 32.9°
26, for the (100) and (110) ordering peaks, respectively. These
angles give lattice parameters of about 3.75 and 3.79 A,
respectively, consistent with a Pm3m space group CusAu
intermetallic (Betteridge, 1949). In both cases, the ordering
peaks are anisotropically broadened, suggesting localized
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Atomic fraction of Cu in each phase as a function of temperature
computed using Vegard’s law for Au/Cu atomic ratios of (a) 1:3, (b) 1:1
and (c) 3:1. Error bars are present on all data points, but in some cases are
smaller than the plot marker.

correlated disorder or imperfect ordering, which is the subject
of further synchrotron total scattering studies.

This is interesting, as we do not see any diffraction peaks
from the Au;Cu ordered intermetallic phase which is
predicted by the phase diagram (Bayliss, 1990). Indeed, the
Au-rich composition shows no evidence of the Au;Cu inter-
metallic. There are several possible reasons for this; it is
possible that the nanoscale disorder and crystallite size cause
deviation from the bulk phase diagram, or that the Au;Cu
ordered intermetallic phase is thermodynamically favored but
kinetically unfavorable in the time scales probed in this work
(Owen et al., 2017; Wilson & Zsoldos, 1966; Roberts &
Vineyard, 1956).

Upon further heating, a disordered solid solution is again
obtained for all compositions. The critical temperature of
disorder increases with increasing Cu content: 593, 633 and
653 K for Au/Cu atomic ratios of 3:1, 1:1 and 1:3, respectively.
These temperatures are all lower than reported for the
formation of a bulk solid solution from the CuzAu inter-
metallic phase, about 663 K (Okamoto et al., 1987; Fedorov &
Volkov, 2016). All compositions at temperatures above the
disordering temperature show a large amount of low-angle
diffuse diffraction intensity (Fig. 1), a feature that is absent in
the monometallic systems (Fig. S3). This is clear evidence for
partial or short-range chemical ordering, as has been
previously reported in the literature (Owen et al., 2017; Wilson
& Zsoldos, 1966; Roberts & Vineyard, 1956). Tuning of the
extent and degree of such partial ordering may be the key to a
fine control over material properties in these NP systems,
especially the unusual phenomenon of percolation dealloying
to evolve into 3D bicontinuous spongy NPs. Careful quanti-
fication of such ordering, however, requires detailed high-
energy X-ray scattering measurements and is the subject of
ongoing work to be reported separately.

The average crystallite size for each nanocrystalline phase
in the bimetallic systems is plotted as a function of tempera-
ture in Fig. 4. The average cuprite crystallite size increases
with the Cu content of the as-synthesized nanoparticles from
6.8 (3) nm in the Au-rich sample to 23.4 (4) nm in the Cu-rich
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Convex hull, plotting the free energy of formation, E;, for various
interfaces, based on DFT calculations. Both epitaxially strained alloy
systems (orange and green lines) show that Cu-rich phases are
unfavorable compared with a bulk alloy (blue line), with stabilization
of an Au-rich alloy. This is consistent with the diffraction results.
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sample. The average crystallite sizes from diffraction agree
with the cuprite-shell thicknesses observed in TEM images
(Fig. S4), but in general are a result of sampling a much larger
volume of the NPs than is done in TEM imaging. The trend in
cuprite crystal size clearly shows that thickening of the cuprite
shell during the initial synthesis of these materials occurs
through crystal growth of the Cu,O particles, rather than by
nucleation of additional Cu,O particles.

Metallic Cu crystals are initially slightly smaller than those
of the cuprite parent phase and increase in size with Cu
content, from 3.4 (9) nm for the Au/Cu ratio of 3:1 to
14.1 (8) nm for 1:1 and finally 16.2 (7) nm for the Au/Cu ratio
of 1:3. Notably, for all compositions, significant Cu crystal
growth upon heating is not observed, with the average crys-
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Diffraction-derived average crystallite diameter as a function of
temperature for the various phases present during the reaction, with
Au/Cu atomic ratios of (a) 1:3, (b) 1:1 and (c) 3:1.

tallite size never increasing beyond 40 nm. This can be
contrasted with a monometallic Cu system, where Cu crystal
growth is observed immediately upon reduction of Cu,O to
form Cu metal at about 433 K (Fig. S5). This suggests that the
Cu-Au interface stabilizes the smaller Cu crystallites against
significant crystal growth to a higher temperature, a
phenomenon that has been observed often in the catalysis
literature (Pakhare & Spivey, 2014).

The crystallite size of the intermediate alloy, forming in the
temperature range 493-633 K, is likewise invariant with
temperature, maintaining an average size of less than 20 nm,
independent of composition. It is likely that this transient alloy
represents an interface phase between the monocrystalline NP
Au core and the polycrystalline metallic Cu shell, which would

0.081— T T : :

LA | s ]
0.06 -|—— Final Alloy b
0.05r +— ’\ R
0.04}+ A

0.03F N\ 4 |
0.02+ g

0.01¢ J

0.00—~ L . L f/.’ i\y‘
273 373 473 573 673
Temperature (K)

(a)

0.08— : . ; .

0.07f .
0.06} 1
0.05}
0.04} \ ]
0.03f \ 1
0.02f 1
0.01f -

0.00 ‘/{‘H\‘\‘

273 373 473 573 673
Temperature (K)

()
0.08[— - . . '
0.07f 1
0.06} |
0.05} 1
0.04}
0.03} \ -
0.02} N 1
0.01} 1
0.00 =

Twin-Fault Fraction

Twin-Fault Fraction

Twin-Fault Fraction

. . . . i
273 373 473 573 673
Temperature (K)

(©)

Figure 5

Twin-fault concentration in the Au and final alloy phases as a function of
temperature for systems with Au/Cu atomic ratios of (a) 1:3, (b) 1:1 and
(c) 3:1.
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neatly explain the stable crystal size, as the alloy phase tends
to react rather than coarsen.

The diffraction peaks of the final alloy phase are broad
below 473 K, suggesting small crystallites of the order of 1-
3nm for all Au/Cu atomic ratios. These crystallites slowly
increase in size to about 20 nm with increasing temperature,
before significant and rapid crystal growth occurs, leading to
dramatic sharpening of the diffraction profiles. The onset
temperature of this sudden crystal growth increases with
increasing Cu content, at 593, 613 and 653 K for Au/Cu atomic
ratios of 3:1, 1:1 and 1:3, respectively. This sudden increase in
crystal size is concurrent with the completion of alloying, the
dissipation of all other initial and intermediate phases, and the
onset of intermetallic disordering. The increase in the onset
temperature of crystal growth with increasing Cu content may
be due to the presence of the Au—Cu interface, which persists
to higher temperatures in the samples with greater Cu content.
This interface may act to pin the crystallites at the interface
boundary. Additionally, the concurrence of crystal growth
with the completion of alloying is evidence that Au—-Cu lattice
interdiffusion is energetically favorable compared with crys-
tallite growth.

Twinning in f.c.c. materials such as those studied here is
common on {111} atomic planes. Structurally, twins represent a
mirror plane within a crystal. Diffraction data fitting also
allows us to track the quantity of twins (Fig. 5) in the major
phases. All bimetallic NP systems contain twin boundaries on
~4-5% of atomic layers before heating, corresponding to a
twin boundary every 20-25 atomic layers (50-70 nm). This is
fewer twin boundaries than seen in the monometallic bare-Au
NPs, where we see twin boundaries on <3.6% of atomic layers
(Fig. S6). There is relatively little change in the twin concen-
tration with initial heating, up to about 393 K, even in the case
of the bare-Au NPs. Above 393 K, the quantity of twins in the
Au NP core decreases, with evidence that Cu in solution tends
to reduce twin-fault annealing.

In the final alloys, twins are present in less than 1% of all
atomic layers for all temperatures considered. Thus, the
alloying and crystal growth process associated with the crea-
tion of these final alloy phases appears to create relatively
twin-free NPs, compared with the core—shell NP precursors.

4. Conclusions

We report for the first time complete phase and microstructure
characterization of the structural transformation of Au@Cu,O
core-shell NPs upon thermal annealing using temperature-
programmed in situ powder X-ray diffraction. The study
reveals that the transformation is considerably more complex
than simple Cu,O reduction followed by alloy formation,
involving first a complete reduction of Cu,O to metallic Cu
and initial alloy nucleation at temperatures as low as 413 K.
The initial alloy that forms is Au rich, consistent with DFT
results that suggest Cu-rich alloys are energetically unfavor-
able when grown epitaxially on Au substrates. We note the
formation of at least three transient phases, one of which is an
ordered intermetallic whose partial atomic ordering persists as

chemical short-range order above the critical disorder
temperature. We observe stabilization of both the alloy phase
and the transient Cu phase against crystal growth, when
compared with monometallic phases, highlighting the impor-
tance of the phase boundary in designing core-shell nano-
structures. Our findings offer a unique opportunity to tailor
the phases and microstructure of these multimetallic NPs to
create unique phase-segregated hetero-nanostructures,
homogenous alloys and atomically ordered intermetallic
phases through careful thermal processing, which may
facilitate novel applications in biomedical imaging, photo-
thermal therapy, photocatalysis, optoelectronics and plasmon-
enhanced spectroscopies.

5. Related literature

The following additional literature is cited in the supporting
information: Kirfel & Eichhorn (1990); Suh et al. (1988);
Wyckoff (1963).
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